Al-Mg-Si nanoclusters embedded in aluminum transform through a delicate interplay of two characteristically distinct phase transformations: a diffusion-controlled substitutional transformation associated with solute enrichment and a swift displacive transformation involving collective shifts of columns of atoms once a critical enrichment has been reached. Through first-principles calculations, we show that these transformations are inseparable. Moreover, we show in atomistic detail how precipitates that are not superstructures of the matrix form from a supersaturated solid solution.
I. INTRODUCTION
In many engineering alloys, precipitation is used to obtain optimal strength and ductility. Precipitates are small, secondphase nanoclusters that form and grow from an oversaturated solid solution, the so-called matrix, during a heat treatment process. It was discovered serendipitously already more than a century ago by Wilm 1 in aluminum alloys and by the late 1930s the x-ray diffraction work of Guinier 2 and Preston 3 had shown that precipitation involved the formation of small nanoclusters. At present it is still unclear how the early stages of precipitation occur, especially when the precipitates take structures that have no obvious relation to the structure of the solid solution, usually referred to as a matrix. AlMg-Si alloys are a typical example: they have important applications in the automotive industry and the precipitation process is here of critical importance for obtaining the required mechanical properties, yet many of the precipitate structures are not superstructures of the fcc matrix and the early stage precipitates undergo a series of structural and compositional changes, leading to the formation of the ␤Љ Mg 5 Si 6 phase. [4] [5] [6] Figure 1 shows an early needle-shaped Mg x Si y Al z nanocluster as embedded in aluminum. The typical dimensions of these needles are 4 ϫ 4 ϫ 50 nm 3 , or even smaller. During heat treatment of Al-Mg-Si alloys the needles transform from the pre-␤Љ to the ␤Љ phase, which is accompanied by a large increase in strength. Changes in these nanoclusters can be classified as solute enrichment, ͑partial͒ order-disorder transformations, and displacive transformations. [4] [5] [6] [7] So far, these transformations are generally considered independent. Here, we show that this is not the case. We show by means of first-principles calculations that in Al-Mg-Si alloys the nanocluster evolution can be described only by an entangled combination of phase transformations: a slowly progressing substitutional order-disorder transformation leads to changes in composition, whereby atomic relaxations enable a nonsubstitutional, displacive transformation along a single atomic column.
II. THEORETICAL AND EXPERIMENTAL BACKGROUND

A. Substitutional and displacive transformations
In dilute alloys segregation of alloying elements can occur gradually through spinodal decomposition 8, 9 and is some- times followed by an ordering transformation once locally the composition is sufficiently enriched in alloying elements. Alternatively, segregation can occur abruptly through a classical nucleation and growth process of a new phase. 10, 11 Most gradual processes and many nucleation and growth processes are substitutional transformations whereby the atomic occupancy of sites in the crystal changes without obfuscating the parent crystal lattice. This can occur over extended length scales, such as in spinodal decomposition, or over short, interatomic length scales, such as in order-disorder phenomena. In either case the compositional fluctuations bring about changes in the periodicity without drastically affecting the lattice positions. When a nanocluster forms via such a substitutional mechanism it is then by definition a superstructure of the matrix. Atomic diffusion always plays a key role in the kinetics of these processes while the thermodynamic aspects of the formation of superstructures can be comprehensively explored through sophisticated computational tools, such as cluster expansions. [12] [13] [14] [15] A contrasting type of transformation is that of the displacive type. Here atomic diffusion is not required and no ordering transformations occur, but instead the crystal structure distorts homogeneously through collective shifts of atomic positions. This also leads to new crystal structures. Generally, displacive transformations are by their spatially global nature not associated with the highly localized phenomenon of precipitation. The kinetics of displacive transformations is generally rate limited. In a rate-limited transformation the transformation rate scales exponentially with activation energy ͑defined in Fig. 2͒ and inverse temperature, and linearly with time. In the case of displacive transformations, in general the activation energy is negligibly small ͓Fig. 2͑b͒ evolves into Fig. 2͑c͔͒ , which is why these transformations often propagate with velocities close to the velocity of sound waves in crystals, 7 at a few hundred meters per second. In contrast, diffusion-limited phase transformations are much slower with rates scaling exponentially with the diffusion energy over the temperature and linearly with the square root of time. 
B. Precipitation in Al-Mg-Si alloys
The evolution of precipitation in Al-Mg-Si alloys has been extensively investigated experimentally. [4] [5] [6] 16, 17 During the initial stages of precipitation, the atoms in the Mg x Si y Al z nanoclusters share the same lattice positions as the Al host, the face-centered-cubic ͑fcc͒ matrix. At first, the solute Mg and Si atoms agglomerate into dilute clusters. 16 Enrichment with solute atoms and growth follow, whereby more and more Al atoms in the nanocluster are replaced with Mg and Si atoms and whereby the nanoclusters grow from spheres into needles. [4] [5] [6] [16] [17] [18] The first evidence of ordering is the skeleton of Si-Si columns that is formed in the initial ␤Љ phase 6 and occurs approximately at the composition Mg 2 Si 2 Al 7 . Such Si 2 columns are indicated in Fig. 3͑c͒ . The formation of the Si 2 columns is a partial order-disorder transformation, as the lattice sites around the stable Si 2 columns show a large variation of composition during the initial stages. Upon further maturing, more Al atoms are replaced with Mg and Si atoms, gradually leading to the formation of the pre-␤Љ phase. Although these structures display variations in composition and have limited spatial dimensions, we speak about new phases as the symmetry operations change ͑space groups Cm and C2 / m for the initial-␤Љ and pre-␤Љ phases, respectively͒. The atomic positions are still based on the parent Al host matrix ͑space group Fm3m͒, and thus these structures are fcc superstructures. During annealing at a temperature of 453 K for about 30 min ͑this is the industrial bake hardening treatment͒ the nanoclusters transform from pre-␤Љ to the ␤Љ phase, a transformation associated with a large increase in hardness. Eventually the ␤Љ Mg 5 Si 6 phase is formed which is the optimum hardening precipitate. 4, 17 The transformation is achieved through collective shifts of individual atomic columns, resulting in a product phase that is no longer an fcc superstructure. The starting point of the transformation ͑fcc-type phases 6, 17, 19 ͒ and the end point ͑non-fcctype ␤Љ phase 4, 5, 20, 21 ͒ are known both experimentally and theoretically from the literature. The columnar shift follows directly from a comparison of the atomic positions before and after the transformation. In this work, we calculate the 
III. COMPUTATIONAL DETAILS
Despite the century-long investigations discussed above, the atomistic mechanism leading to the formation of the ␤Љ phase is still insufficiently understood. In order to calculate the energy difference ⌬U between the pre-␤Љ and ␤Љ phases and the activation energy E act of the transition, we have calculated the energy change as function of the shift ͑Fig. 2͒. The structures are taken to be fully commensurate with the Al lattice displayed in Fig. 4͑a͒ . The energies of all structures were calculated using the ultrasoft ͑US͒ pseudopotential VASP code, [22] [23] [24] employing the generalized gradient approximation ͑GGA͒.
25 Energy cutoff and k-point convergence was ascertained to give a precision in the energy of 0.5 meV/atom. All calculations were performed with an energy cutoff for the wave functions of 200 eV. The density of the Monkhorst-Pack k-point grid was increased until the above-mentioned precision was reached. A k-point grid of 6 ϫ 20ϫ 8 ͑pertaining to the reciprocals of the a, b, and double-c axes, respectively͒ was required for the supercells of monoclinic structures displayed in Figs. 3 and 4 . Atomic relaxation of the structures was stopped when consecutive ionic iterations differed less than 0.03 meV/atom. In order to ensure that the energies correspond to the same minimumenergy path ͑MEP͒, the nudged elastic band ͑NEB͒ method was used as implemented in the VASP code, 26 Fig. 4 can be found elsewhere. 19, 20 
IV. RESULTS AND DISCUSSION
As explained above, the transformation from the pre-␤Љ to the ␤Љ phase consists of a shift of an atom along 0.5b in the unit cell. Because of the periodicity, this one-atom shift actually represents the shift of a column of atoms extending along the b axis ͑Figs. 1 and 3͒. Assuming that there is an energy barrier that has to be crossed for the atomic column to shift by 0.5b, it is unlikely that all columns will shift simultaneously. Therefore, only one atomic column, the one at the center of Fig 3͑a͒, is shifted by 0.5b, giving the structure displayed in Fig. 3͑b͒ . Eventually, the edge columns will shift also, giving the material a full ␤Љ configuration shown in Fig. 3͑c͒ . The atomic positions displayed in Figs. 3 and 4 correspond to the structure with the lowest energy found after relaxation of the atomic positions. The 0.5b shift leads to a different configuration of the atoms surrounding the shift atom. In Fig. 3͑b͒ , it is clear that the angles between the Mg-Si-Mg atoms around the shift atom change considerably ͑the angles are indicated with red lines͒.
The transition energies required for the phase transformation from pre-␤Љ to ␤Љ ͓Figs. 2, 3͑a͒, and 3͑b͔͒ were calculated for a range of compositions with varying Al content ͑from pure Al to Mg 5 Si 6 ͒. The energy of the structures is calculated as a function of the shift position and is displayed on the left-hand side of Fig. 4 . The changes in energy are per supercell ͓consisting of two monoclinic cells displayed in Figs. 3͑a͒ and 3͑b͒ and at the right-hand side of Fig. 4͔ at constant volume. Because the supercell contains only one atom of the shift column, the energy changes are per atom in the shift column. The numerical values for the activation energy E act and the difference in energy between the two phases, ⌬U, are displayed also. For comparison, we have calculated the columnar shift in pure Al, shown in Fig. 4͑a͒ . There is a potential well at y = 0.0 and the shift is obviously unfavorable with ⌬U = + 2.2 eV per shift atom. In Fig. 4͑f͒ , at the composition Mg 4 Si 6 Al, the position y = 0.0 ͑pre-␤Љ configuration͒ does not correspond to a potential well, but to a saddle point. There is a continuous decrease in energy up to y = 0.5 ͑␤Љ configuration͒, where a potential well is positioned with a depth of 1.3 eV. Thus, the smallest fluctuation will cause a pre-␤Љ phase ͑y = 0.0͒ to transform to the ␤Љ phase ͑y = 0.5͒. Therefore, the pre-␤Љ phases Mg 2 ͓Fig. 4͑c͔͒ is the last stable pre-␤Љ phase, with ͑⌬U = + 0.07 eV͒ and the E act = 0.19 eV. When the solute concentration increases only slightly to Mg 2 Si 4 Al 5 ͓Fig. 4͑d͔͒, there is a dramatic change in the shape of the energy curve: the activation energy is zero and the energy gain is substantial ͑⌬U = −0.87 eV͒. This energy profile corresponds to Fig. 2͑c͒ and is characteristic of a displacive transformation.
A very small change in composition leads to a complete change of the characteristics of the transformation and in the stability of the pre-␤Љ phase. This transition is so fast that there is no time for a nucleation and growth process. Considering Fig. 2 , subfigure ͑b͒ is characteristic of a nucleation and growth process, while subfigure ͑c͒ is characteristic of a displacive transformation ͑negligible activation energy͒. In  Fig. 4 , the profile of a nucleation and growth process does not occur: there is a direct transition from a unfavorable transformation ͓Figs. 4͑c͒ and 2͑a͔͒ to a displacive transformation without activation energy and with a large energy gain ͓Figs. 4͑d͒ and 2͑c͔͒. The fact that the energy profile of a nucleation and growth process is absent in the series is evidence that the transformation is displacive in nature. The energy gain of the transformation is large, at least 0.9 eV per atom in the shift column. This means that in a column 5 nm long, the displacement of the 12 atoms in that column yield an energy of 11 eV. Still, a change in composition is required for the transformation to occur, which brings about the possibility of a coupled displacive-diffusional transformation 27 ,28 ͑also called Widmanstätten type͒. In that case a displacive transformation proceeds as soon as solutes have segregated sufficiently ͑the growth of a transformed ␤Љ needle at its end points is probably controlled by this process͒. Unfortunately, the mechanism of a displacivediffusional transformation cannot be studied by means of the current density functional theory calculations because that would require excessive computational resources: simulation of such complex behavior requires dynamic calculations in simulation cells with very large numbers of atoms.
A collective shift of a column of atoms is counterintuitive from the conventional point of view because it is assumed that there is always an energy barrier ⌬E required for an atom to move ͓Figs. 2͑a͒ and 2͑b͔͒ and that the collective shift of n atoms then requires n⌬E, which would in general render the energy for such a transformation too large to occur. However, in this case, we have shown that beyond the critical composition, ⌬E = 0 and therefore n⌬E =0 ͓Fig. 2͑c͔͒, so that there is no energy barrier for a columnar collective shift. The sizes of the Mg and Si atoms relative to the size of Al play an important role. Considering the nearestneighbor atoms around the central shift atom-e.g., in Figs. 3͑a͒ and 3͑b͒-it is clear that the large Mg atoms "squeeze" the shifting Al atoms out of the plane y = 0.0 towards the half-height plane y = 0.5, where the small Si atoms move sideways to make room.
The question now arises why solute-rich pre-␤Љ structures are reported experimentally in the literature 17 when they are structurally unstable according to the theoretical calculations. Deviations in the lattice parameters cannot stabilize the pre-␤Љ structures: when the experimental lattice parameters 4, 17 are used in the calculations the activation energy for the shift remains zero. A more plausible explanation is that the experimental determination of the y coordinate of the shift atom is incorrect. In the analysis of high-resolution transmission electron microscopy ͑HRTEM͒ images 17 along the b axis ͑which does not contain any information on the y coordinates͒ it was concluded from image contrast ͑lateral x , z shifts of the black dots͒ that all atoms were still on fcc lattice sites. This pre-␤Љ model also considered that interatomic distances would become unrealistic in a ␤Љ arrangement. 17 It was already reported previously that this consideration is invalid, which was found by quantum mechanical refinement of atomic positions. 19 Our calculations show that the transformation into ␤Љ can be favorable already at compositions with an Al content of 50 at. %, which corresponds to early precipitates having dimensions as small as 5 -10 nm. This is much earlier than assumed up until now. It follows that pre-␤Љ models for the more mature compositions Mg 4 Si 6 Al, Mg 2 Si 6 Al 3 , and Mg 4 Si 7 ͑Refs. 17 and 19-21͒ are not valid.
Considering Fig. 4 , the precipitation process in Al-Mg-Si alloys follows a path whereby continuous compositional changes induce collective shifts resulting in crystal structures that cannot be considered as superstructures of the matrix. Although the compositional change is also coupled to an ordering transformation as has been found in previous theoretical work, 12, 15 it cannot be separated from the simultaneously occurring displacements. Already in very early stages the relaxation is so strong that the original parent lattice is obfuscated. This means that theoretical approaches such as cluster expansions, [12] [13] [14] [15] which consider superstructures only, cannot describe the actual precipitation process. Another consequence of this finding is that for precipitating systems where the precipitate structure is not a matrix superstructure it might nevertheless be possible to identify lattice correspondence through a path involving a combination of enrichment, ordering, and displacements. Obviously, this description reaches beyond the ideas of classical nucleation theory where a nucleus already has all the properties of the new phase.
The incoherency of the ␤Љ structure with the Al fcc lattice at the nanocluster-matrix interface is also of importance. Considering Fig. 5 , the top of the shifting column will be pushed into the Al lattice, where there is no space. Therefore, a vacancy at the top of the column is required for the columnar shift. Alternatively, when a vacancy is present somewhere along the shift column, both ends of the column will shift in opposite directions towards the vacancy position in the middle. The presence of the vacancy is not a severe requirement as vacancies are commonly present in the initial supersaturated solid solution. Actually, the maturing of the precipitate by means of the order-disorder transformation ͑replacement of Al atoms with Mg and Si atoms in an ordered configuration͒ depends entirely on vacancy-assisted migration; i.e., vacancies are required for the solute diffusion. The diffusion energies of Mg and Si in Al are 1.25 and 1.22 eV, respectively, and include the formation enthalpy of Al vacancies, 0.69 eV ͑Ref. 29͒. However, the vacancy can also be generated by the shift column itself. As shown above, the energy gain is so large that enough energy ͑ϳ11 eV for a 5-nm-long column͒ is available for the formation of a vacancy or even the knock-out of an aluminum atom ͑forma-tion of a Frenkel defect-i.e., a vacancy-interstitial pair͒.
V. CONCLUSION
In summary, we show that the precipitation process can only be described by a combination of inseparable transformations: enrichment of solute atoms, an order-disorder transformation within the nanoclusters and a columnar displacive transformation that does not require any activation energy. The simultaneous occurrence of a displacive transformation, which disrupts atomic coordinations and neighbor shells, makes it difficult to apply current state-of-the-art cluster expansion methods to the substitutional processes. Therefore, highly detailed first-principles investigations are required in these alloys. This mechanism for the evolution of precipitation in Al-Mg-Si alloys may explain also precipitation phenomena in other systems where the parent and precipitate phases appear unrelated.
